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Abstract: Within the collaborative research centre “Steel ab initio” scientists and engineers 
of RWTH Aachen University and Max-Planck-Institute for Steel Research in Germany 
cooperate on the development of new steels in the alloying system Fe-Mn-C. A variety of new 
modeling methods and new or optimized experimental tools have either been applied or 
developed in order to describe the specific materials behavior as a consequence of different 
deformation mechanisms. The combined approach of modeling on different length scales with 
sophisticated laboratory experimental techniques aims for a thorough understanding of the 
deformation mechanisms and their controlling process and material parameters. 

Motivation 

The European steel register contains more than 2200 different grades which have been 
developed for different purposes and with specific properties and performances. The majority 
of these steels have been introduced on the basis of experience by continuous improvement of 
existing materials, mostly by systematic experimental procedures. Only few have been 
derived by scientific understanding of the decisive physical background of the requested 
properties and very few by quantitative modelling of the important phenomena. Thus for the 
majority of steels used today we can conclude that a long term process of continuous 
improvement and selection have contributed to the materials variety. This does not guarantee 
that the optimum solution for the many different specific uses of steels has already been 
identified. 

The design of new steels usually is based on three major principles: 

- requests:  the material has to meet specific requirements for the envisaged future 
application; 

- tools: various experimental and numerical methods are applied for materials 
development; the best balance of effort and accuracy needs to be chosen for a 
specific materials design task; 

- constraints: steel, being an engineer’s material characteristically produced in large 
quantities, always needs to be processed according to economic rules. Thus the 
processes available today and in future or the impacts of recycling and 
environment have to be considered already in an early stage of material 
development. 

Currently a new austenitic steel matrix which contains Mn contents between 15 and 25 
mass. % including additional alloying of C, Si, Al and further elements is investigated. The 
interest in this material is due to the occurrence of different deformation mechanisms that can 
attribute to extraordinary strain hardening resulting in so far unknown combinations of high 
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formability and high strength. The forming mechanisms are controlled by the stacking fault 
energy. This opens the stage for a new chapter of materials design as new modelling tools 
based on the numerical understanding of the electron structure of metals can be used to 
identify the interaction of different alloy compositions. These ab initio or first principles 
methods are currently tested with respect to the accuracy of property prediction. There is a 
good chance that this will lead to the first real physical based design of a new group of 
structural materials. Furthermore the characteristic mechanical behaviour and the ultra fine 
microstructures require new experimental tools for the description of the new steels. That is 
the reason for the collaborative research centre „Steel ab initio“ in which scientists and 
engineers of RWTH Aachen University and Max-Planck-Institute for Steel Research in 
Germany cooperate on the development of new steels in the alloying system Fe-Mn-C [1]. A 
variety of new modelling methods and new or optimised experimental tools have either been 
applied or developed in order to describe the specific materials behaviour as a consequence of 
the deformation mechanisms. The combined approach of modelling on different length scales 
with sophisticated laboratory experimental techniques aims for a thorough understanding of 
the deformation mechanisms and their controlling process and material parameters. 

Materials 

High Mn steels (HMnS) composed of single phase austenite or multiphase matrix with a large 
volume fraction of austenite can be divided according to characteristic phenomena occurring 
during plastic deformation into Transformation Induced Plasticity (TRIP) steels and Twinning 
Induced Plasticity (TWIP) steels. Together with Al alloying the group of Microband Induced 
Plasticity (MBIP) steels have been developed. Recently, specific interest grows for easier 
processing medium Mn steels with a combined ferritic/austenitic matrix. Common to all these 
steels is the fact that they develop a much better combination of strength and ductility 
compared to the current industrially used group of Advanced High Strength Steels (AHSS). 
This can easily be demonstrated by comparing the ECO-index, the product of ultimate tensile 
strength and uniform elongation that is usually limited to max 20 GPax% in AHSS and 
typically exceeds this value significantly in HMnS. The research centre “Steel ab inito” 
currently concentrates on the TWIP steels and the transition between the TWIP and the TRIP 
effect. Some of the investigated alloys are indicated in Figure 1 with respect to Mn content 
and ECO-Index and in Table 1 with respect to chemical composition. 

  
Figure 1: Characteristics of new steel concepts on Mn-basis, schematic representation 

of Mn-content and tensile test properties. 
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Table 1: Chemical composition of investigated materials, mass contents in %. 

 C Mn Si  P S Cr Ni Al 
I 0.315 22.8 0.07 0.0073 0.0012 0.016 0.037 0.0054 
II 0.573 23.2 0.17 0.0090 0.0002 0.310 0.019 0.0049 
III 0.282 28.0 0.10 0.0084 0.0010 0.016 0.037 0.0054 
IV 0.594 18.4 0.05 0.0071 0.0091 0.015 0.039 0.0045 
VII 0.714 23.5 0.06 0.0071 0.0071 0.016 0.039 0.0059 
 
Numerical Tools 

Any deviation from the normal sequence of stacking of the atomic planes (as defined by the 
crystal structure) is called a stacking fault. A stacking fault is a two-dimensional crystal 
defect. The stacking fault energy (SFE) is defined as the difference in energy per unit fault 
area between faulted and perfect structures.  

The SFE is decisive for the plastic deformation behaviour of an fcc alloy, Figure 2. Below 
SFE values of about 20 mJ/m2 TRIP and above 20 mJ/m2 TWIP dominates [2, 3]. Further 
increasing the SFE leads to reduced twinning activity by increasing the critically resolved 
shear stress (CRSS) for twinning. The fact that a CRSS is needed indicates that twinning is 
crystal orientation dependent and even at low SFE unfavourably oriented grains will remain 
twin free even at high deformation degrees. Dislocation slip occurs at any SFE, but dominates 
at low deformation degree and/or high SFE. There is no clearly defined limit in SFE above 
which TWIP ceases. 

Figure 2: Deformation mechanisms in high Mn-steels and the characteristic stacking 
fault energy for the transition TWIP/TRIP. 

By identifying the dominating deformation mechanism as a function of composition and 
temperature deformation Mechanism Maps can be created, Figure 3 [4]. These can be 
compared with SFE maps that can be calculated based on thermodynamic data. Since a 
stacking fault can be viewed as a two atomic layers slice of hcp (ε martensite) within the fcc 
crystal, the SFE should be related to the difference in Gibbs energy between the hcp and fcc 
phases. This idea has been applied successfully by e.g. Allain et al. [3] and Cotes et al. [5], 
using the following equation: 

  22  GSFE  (1) 

where ρ is the number of moles of atoms per m2 in one atomic layer, ΔGγ→ε is the difference 
in Gibbs energy between the hcp and fcc phase, and σ is the interface energy (between fcc and 
hcp). 
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There is no independent way to determine the interface energy σ. It has been estimated to be 
somewhere in the range 5 to 30 mJ/m2 [3, 5, 6] with a majority around 10 mJ/m2,  based on 
combinations of thermodynamic calculation with measured SFE’s and observations of ε-
martensite formation and deformation mechanisms. 

The major contribution to the composition and temperature dependence of the SFE comes 
from ΔGγ→ε. The Gibbs energies of the fcc and hcp phases can be taken from Calphad 
evaluations of the appropriate systems and ΔGγ→ε calculated by taking the difference. 
However, it should be noted that the hcp phase is not a stable phase in the Fe–Mn–C (or other 
steel systems) and its properties cannot be directly measured, but the hcp phase can form as ε-
martensite from the fcc phase in the range 15 to 30 mass-% Mn. Data from this 
transformation are used to model the Gibbs energy of the hcp phase. The Gibbs energies of 
the hcp and fcc phases are equal at the so called T0 line, which must be located between the 
Ms and As temperatures. Thus, the ΔGγ→ε from Calphad evaluations is closely related to the 
formation of ε-martensite, which is the same kind of martensite which is formed by 
transformation induced plasticity (TRIP). Below 15% Mn, α-martensite forms instead of ε-
martensite and above 30% Mn a magnetic transition in the fcc phase increases the stability of 
the fcc phase so that ε-martensite does not form. 

There is a distinct influence of the grain size on ε-martensite formation, either spontaneous or 
by TRIP and also on twinning. Decreasing the grain size has a similar effect to an increasing 
SFE and a contribution proportional to exp(–d), where d is the grain size, is sometimes 
included in the SFE. However, the influence of the grain size should be treated separate from 
the SFE, since the SFE itself cannot depend on the grain size. 

 
Figure 3: Mechanism maps indicating the relationship between deformation 

mechanism, chemical composition, temperature and stacking fault energy. 

 
Ab initio methods describe the properties of crystals without using any fitting parameter by 
the explicit description of the electrostatic interactions between the atom cores and electrons 
based on the equations of Schrödinger and Dirac. The input required to proceed with ab initio 
calculations is given by the atomic structure and chemical type of the involved atoms. The 
density functional theory (DFT) is one of the most established ab initio methods, it provides 
an efficient way to calculate the electronic properties and the total energy of a materials 
system. This scheme, however, describes the system in its ground state (at T=0 K) and in 
practice relies on approximate description of a small but crucial energy contribution which is 
due to quantum interaction effects between the constituent particles (the so-called exchange-
correlation energy). In order to overcome the limitation of T=0 K the DFT calculations are 
combined with concepts of thermodynamics or with molecular dynamics (MD) simulations. 
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In steels usually a random distribution of C atoms in the octahedral voids of the lattice is 
assumed. In HMnS the question arises whether short-range atomic ordering might exist that 
contributes to a void selection according to the number of Fe and Mn atoms that forms the 
specific octahedral void. Ten different octahedral voids from pure Fe to pure Mn neighbour 
situation have been considered in one super cell of 16 Fe and 16 Mn atoms, thus representing 
an alloy with 50% Mn, Figure 4 [7]. By ab initio modelling the whole structure of the super 
cell has been calculated including one C atom that is positioned in the different voids. The 
reaction enthalpy has been calculated as a function of the coordination number of the Fe 
atoms forming the void. It becomes obvious that the smaller the coordination number the 
more stable is the compound, indicating the strong interaction of Mn and C. This coincides 
with the fact that stoichiometric manganese carbides are more stable than iron carbides 
indicating that the Mn-C bond is more attractive than the Fe-C bond. 

 
Figure 4: Supercell of 16 Fe (red) and 16 Mn (white) atoms with 10 different types of 

octahedral voids; enthalpy change by adding 1 C atom to the different voids. 

But more detailed calculations of the interaction with the first three shells around an 
individual atom, that are 62 atoms, and with a super cell of 108 atoms show that the reason for 
the preference of C atoms for the Mn environment is not found in the stronger Mn-C bond. 
Instead, there is a weaker destabilisation of the Mn–Mn bond compared to the Fe-Fe bond 
when C is added. Thus the energy differences are actually the consequence of the expansion 
of the metal-metal bonds. By incorporation of C into a Fe6 octahedron the Fe-Fe bond length 
increases from 101 to 106% of the typical bond length, thereby weakening the orbital overlap. 
For a Mn6 octahedron C expands the Mn-Mn bond from 93 to a nearly perfect 99% fit, 
Figure 5. This is reflected in the bonding interaction between Fe and Mn-atoms in a C-filled 
octahedron, respectively. The x-axis in Figure 5 distinguishes between attraction (positive; -
COHP (Crystal Orbital Hamilton Population) values are indicated) and repulsion (negative). 
Close to the Fermi level F the stronger repulsion of Fe-Fe-bonds can be seen. 

 
Figure 5: Bonding interaction between Fe and Mn-atoms in a C-filled octahedron. 
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The mechanical properties of HMnS are characterized by their pronounced strain hardening 
that is significantly different from the strain hardening behavior of bcc steels. Especially 
mechanically induced twinning leads to an adaptive and continuous refinement of the 
microstructure during mechanical testing. Adaptive means, the strain hardening is dependent 
on the local amount of strain. The measured flow curves sometimes show characteristic 
turning points that lead to local minima in the 1st derivative over strain, the strain hardening 
curves. The microstructural observations show that during forming individual grains exist 
without twins beside grains with one or more active twin systems. Thus the crystallographic 
nature of twinning has to be considered by means of Crystal Plasticity Finite Element 
Modeling (CPFEM). As the SFE and by this the selection of deformation mechanism is 
strongly dependent on temperature it is decisive that a suitable model has to consider 
temperature and strain rate effects. The CPFEM model used furthermore distinguishes 
between the dislocation densities in the cell center and in the cell walls as well as the twin 
density [8, 9]. From this a modified free mean path  is calculated that is a combination of the 
mean free path of a dislocation dis and the distance between twins twin: 

1/ = 1/dis + 1/twin (2) 

twin is calculated according to the equation 

twin = s (1 – Vtwin) / V twin (3) 

with s = medium thickness and Vtwin = volume fraction of twins. 

The results in Figure 6 indicate that by choosing a proper parameter set the temperature 
dependency can be properly derived. The main decisive fit parameter is the twin density that 
needs to be determined accurately. This results in the demand for a proper quantitative 
identification method of twins in these steels. 

 

Figure 6: Stress-strain-curves and strain-hardening curves as a function of 
temperature for alloy I; comparison of experimental results and crystal 
plasticity finite element model. 

Besides the description of strain hardening an evaluation procedure for the prediction of 
microcracks as a result of applied mechanical loading is required. The concept of 
representative volume elements (RVE) is used to describe microstructures with their 
characteristic phases and defects within the framework of continuum mechanics. The RVE is 
generated as a submodel of macroscopic models and simplifies the complex microstructures 
by homogenization. The deformation tensor computed from the macromodel is transferred to 

σ: stress,  ε: strain rate, T: temperature,  ρc: dislocation density in cell center
ρw: dislocation density at cell boundary, VTwin: Volume fraction of twins

.
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the RVE as boundary conditions [10, 11]. The RVE is arranged according to the volume 
fraction and morphologies derived from the real microstructure, Figure 7.  

The ductile failure of ferrite and austenite, the brittle failure of martensite and interface 
debonding between phases have to be distinguished. In TWIP steels the interaction of 
different TWIN systems might result as an additional damage origin especially when the 
overall strain hardening capacity is exhausted. In any case the morphology of the phases, their 
spatial distribution and crystallographic constraints have to be considered.  

The experimental and numerical flow curves (derived from RVE calculation with periodic 
boundary conditions) have been modeled for two microstructures: A = martensitic, D = dual 
phase ferrite + martensite. The failure mechanisms are described as competition between 
ductile failure due to a void mechanism according to the Gurson-Tveergard-Needleman 
(GTN) approach and a cohesive zone model (CZM) for the interface ferrite/martensite. Both 
the flow behavior as well as the failure behavior are modeled with reasonable accuracy in 
these tensile tests.  

 
Figure 7: Failure modeling of martensitic and dual phase steels based on the Cohesive 

Zone Model (CZM). 

 
Experimental Tools 
The extraordinary strain hardening behaviour of high Mn steels depends strongly on the 
activated deformation mechanism; by these the strain hardening behaviour can be adjusted in 
a wide range. The quantitative description of strain hardening requires the consideration of 
adiabatic effects and the determination of local strain rates.  

Many flow curves of HMnS show a jerky flow behaviour that is caused by shear band type 
localisation of strain. In contradiction to conventional material this strain localisation does not 
lead to early failure but is overcome due to the intensive strain hardening in these regions. 
The strain measurement in conventional tensile testing is insufficient to describe this specific 
phenomenon of instable plastic flow because small scale localisation and time effects are not 
considered. When the shear band moves over the specimen and leaves the gauge length, the 
strain change – which is measured inside the gauge length – is reduced suddenly. This 
instantaneous strain rate (ISR) can be determined over time resulting in characteristic periodic 
oscillations of strain rate between upper values that are related to and usually slightly above 
the adjusted strain rate of the tensile test machine and lower values that may reach Zero if no 
shear band is moving within the gauge length, Figure 8. 

failed 
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Figure 8: ISR (instantaneous strain rate) d/dt versus time diagram. 

If the true stress  is plotted over this instantaneous strain rate a characteristic type of 
 vs. ISR diagram has been developed (“tornado-diagram” because of its shape) that allows 
to distinguish between different dominant deformation mechanisms, Figure 9. First the ISR 
increases due to the acceleration of the cross-head of the tensile testing machine towards the 
onset of plastic flow. At the yield point a sudden drop is observed due to the high strain 
hardening in these austenitic steels. In case of pure slip usually a slight reduction of strain rate 
without significant oscillations is observed. The onset of twinning in HMnS is visible by 
minor jumps between different strain rate levels while the pronounced twinning with shear 
band localisation results in an expanded type of oscillation. For comparison in austenitic steel 
X10CrNi18-8 the test temperature decides on the occurrence of strain-induced ’ -
transformation. The onset and intensity can be identified in this type of diagram. Thus this 
macroscopic test procedure provides a tool for identifying the dominant deformation 
mechanisms: dislocation glide, twinning in different stages and dynamic strain ageing effects 
that result in pronounced shear band formation. Of special interest is that the sequence of 
different deformation mechanisms as well as the intensity of shear band formation can be 
easily monitored and quantified. 

Figure 9: Analysis of characterisation of mechanical properties after tensile testing. 
The positions are: left 1 – yield point, 2 – onset of martensite formation; right 
1- yield point, 2 – onset of twinning, 3 – shear band formation 

Furthermore the spatial temperature distribution during tensile testing has to be monitored 
by means of thermocameras. This allows the direct visualisation of shear bands but is as well 
necessary to identify the local SFE that can be changed in a way that even locally different 
deformation mechanisms might occur. Especially during high strain rate testing and when 
mechanically induced martensite forms significant temperature shifts are observed, up to 
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approximately T of 80 K in the hot spot of the specimen. A quantitative evaluation of a 
tensile test of steel Fe22Mn0.6C results in a SFE increase of 5 mJ/m2 when the test is carried 
out at a moderate strain rate of 0.01 s-1, Figure 10. In high speed tensile tests even more 
significant changes of temperature and consequently SFE are observed [12]. 

 
Figure 10: Flow behaviour in Fe-22wt.% Mn-0.6wt.% C with local temperature 

distribution (left); maximum temperature increase depending on strain rate 
and martensite formation in steel X5CrNi18-10 with different austenite 
stability; the martensite content after testing is indicated. 

Due to the observed dynamic grain refinement during deformation causing ultra-fine 
microstructures, the resolution of conventional microscopy, e.g. EBSD (Electron Backscatter 
Diffraction), is not sufficient. Especially a distinction between twins and dislocations is hardly 
possible and needs experienced expert knowledge. This results in the necessity of time-
intensive sophisticated transmission electron microscopy. Therefore advanced characteriza-
tion methods were developed. One of these is the low-voltage EBSD [13]. By reducing the 
acceleration voltage the interaction volume of the primary electron beam and the sample is 
significantly reduced. It is thus possible with EBSD to reach a high resolution as to 
differentiate microstructural features in the range of 10-20 nm unambiguously (Figure 11) 
and to relate them to the different deformation mechanisms, either by dislocation slip, 
martensitic transformation or deformation twinning. 

Figure 11: Twin resolution dependent on the acceleration voltage in high resolution 
EBSD measurements.  

The significant changes of microstructure during deformation are a challenge unique to 
HMnS, as the standard relationships that compare the microstructure before testing with test 
results are no longer applicable. Furthermore the ultra-fine microstructures require high 
resolution microscopy on one hand, but the observance of significant large areas on the other 
hand when first cracks and the local defect areas need to be investigated. Therefore we will 
apply in situ test procedures in order to predict the local stress-strain condition for the onset of 
twinning, the martensite formation or the damage evolution. A test set-up has been developed 
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for in situ bending tests with a scanning electron microscopy chamber that allows tests up to 
a maximum temperature of 800°C. The procedure is that first the microstructural features are 
described by EBSD measurements and that the surface topography is monitored during 
testing, Figure 12. Thus the mechanical properties are measured in terms of a load-elongation 
curve and at the same time small changes of the surface topography are checked. The small 
drop in load at the end of the curve in Figure 12 coincides with the occurrence of shear lips 
that localize on the surface and indicate the accelerated damage evolution. 

 

Figure 12: In situ bending experiment using SEM. 

 
Conclusions 
High manganese steels are characterized by continuous adaptive grain refinement during 
straining. This results in an extraordinary high amount of strain hardening and an excellent 
balance of strength and ductility. 

The full exploitation of these properties request for a basic understanding of the physical 
phenomena involved. This has been the founding idea of a collaborative research centre 
“Steel ab initio” at RWTH Aachen University and Max-Planck-Institute for Steel Research in 
Germany. 

New numerical tools are applied and in some cases need to be developed to predict the 
properties and parameters but also for improved understanding of involved mechanisms. 
Especially ab initio techniques help to elucidate the specific effects of these high alloy 
systems with the occurrence of short range ordering. The crystallographic nature of the 
different deformation mechanisms requires crystal plasticity and new continuous damage 
mechanics modeling. 

Beside this the experimental tools need to be sharpened in order to describe the ultra-fine 
grain structure, the impact of continuous grain refinement on mechanical testing and 
especially the interaction and changes between the different deformation mechanisms. 
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